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The effects of hydrogen charging on the mechanical response of FCC Ni and Pd under nanoindentation
are systematically investigated by molecular dynamics simulations. Simulations consider a random H
distribution and time scales prevent any diffusion of H during the simulations. Hydrogen charging is then
found to reduce the threshold load for dislocation nucleation, i.e., the pop-in load, but only to a limited
extent. After pop-in, the indentation response is largely independent of the presence of H. Furthermore,
the inﬂuence of hydrogen charging on the pop-in load originates only from the hydrogen-induced
swelling of the lattice. That is, H does not directly inﬂuence dislocation nucleation, either in terms of
facilitating initial slip or interacting with the nascent dislocation(s). These ﬁndings suggest that ratedependent processes, either associated with ﬂuctuating nucleation or H transport, are necessary to
interpret experimental observations of hydrogen-inﬂuenced reductions in the pop-in load.
© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
Hydrogen is an impurity often present in structural materials
during production and service. The mechanical failure due to the
deleterious effect of hydrogen is called hydrogen embrittlement
(HE), which is a common problem for various structural metals and
alloys [1e6]. It can cause catastrophic failure in load bearing
metallic components and poses a serious challenge for material
design in industries. Given its signiﬁcant technological importance
and industrial relevance, HE has been extensively studied both
theoretically and experimentally. Various models have been proposed in the literature, including H-enhanced decohesion (HEDE)
[7e12], H-enhanced local plasticity (HELP) [13e15], hydride formation and cleavage [16e18], and recently a model [19,20] based
on H-induced local “ductile-to-brittle” transition at the crack. All of
these models have merits, but none fully captures the scope of
Hydrogen-induced effects on the mechanical properties of metals.
The precise HE mechanism(s) and relevant length and time scales,
remain a topic of vigorous discussion [21].
In parallel, enormous efforts have been placed on developing
accurate and efﬁcient experimental methods in order to better
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capture and visualize the material behaviors during HE and other
effects of Hydrogen on plastic ﬂow. Besides the conventional HE
index approach [22,23] to examine HE at macroscopic scale, the
local examination at the crack tip [13,24e26] and the in-situ
transmission electron microscope (TEM) examination of dislocations [27e30] are often used as means to probe the H effects at
microscopic level. Another experimental approach to investigate
the effects of Hydrogen on plasticity at small scales is instrumented
nanoindentation (NI) [31,32]. NI has the capacity to resolve dislocation nucleation in extremely small volumes [33e39], and has
been extended by Barnoush and Vehoff [40] to in-situ electrochemical nanoindentation (ECNI).
In the NI/ECNI experiments, the material modulus and pop-in
load are measured at ﬁxed surface electrochemical potential. The
presence of H is often found to reduce the pop-in load [40],
although different effects are observed in different materials. The
reduction has been attributed to reductions in dislocation line
tension and/or shear modulus in the presence of H, which facilitate
homogeneous dislocation nucleation (HDN). However the pop-in
event during nanoindentation is a collective behavior corresponding to simultaneous burst of multiple dislocations, and is not
directly HDN. Mechanistically, the reduction of line tension is
envisioned due to segregation of H to dislocations, which would
presumably not occur for HDN since no stable dislocation exists
prior to the nucleation event. Thus, the origins of the reduction of
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pop-in load due to H remain unclear.
The role of various “side effects” associated with H charging,
such as H-induced lattice swelling and vacancy crowding [41e43],
on effecting the pop-in load have not been directly addressed in
experiments. In a recent study [44], atomistic simulations studied
how other pre-existing defects (vacancies and stacking fault
tetrahedra) inﬂuence the nanoindentation response of singlecrystal copper and showed that those structural defects can cause
signiﬁcant reductions in the pop-in load at low temperature. Thus,
further investigation is required to elucidate the exact inﬂuence of
H on nanoindentation response including its role in stabilizing
other defects and, in general, understanding the onset of dislocation at more reﬁned length and time scales.
In this paper, we employ molecular dynamics (MD) simulations
to probe various direct and indirect effects of H on nanoindentation
response at the atomic scale. Speciﬁcally, the force-displacement
responses of Ni and Pd single crystals of different crystal orientations deformed under a rigid indenter are examined with and
without interstitial H. We ﬁnd very limited effects of H on the popin load, with the effects entirely explained by lattice dilation
introduced by H such that there is no direct H effect on pop-in. The
response after pop-in does not show any distinct role of H. We then
discuss the implications of our results for mechanisms of observed
effects of H on nanoindentation, pointing toward future directions
for research in this area.
2. Computational methodology
We utilized large-scale MD simulations to examine the deformation behaviors of two model M-H systems (M ¼ Ni, Pd) during
nanoindentation. For each M-H system, two initial rectangular
simulation cells, each consisting of a FCC M single crystal, with one
oriented as X ¼ ½110, Y ¼ [001] and Z ¼ [110], and the other oriented as X ¼ ½110, Y ¼ ½112 and Z ¼ [111] are created, where Z is
the surface that will be indented. Sample dimensions are (Lx, Ly, Lz)
being (28.0 nm, 28.3 nm, 14.5 nm) and (28.0 nm, 27.7 nm, 14.6 nm)
for Ni-H, and (22.0 nm, 20.8 nm, 16.0 nm) and (22.0 nm, 20.9 nm,
16.2 nm) for Pd-H. Starting from each initial atomic conﬁguration,
several systems are created for simulations, as described below. In
all case, the simulation cell is periodic along the X and Y directions,
while free boundary condition is applied along Z direction, i.e., both
top and bottom surfaces along Z are traction-free. The center of
mass of the material is held ﬁxed during the indentation to prevent
rigid translational motions. Below, the Z direction is used to
represent the crystal orientation.
With the above general information, we consider two types of
samples. The ﬁrst set of samples are metals charged with Hydrogen.
H atoms are introduced by randomly inserting them into the
octahedral sites in the M lattice to create an M-H system at a
desired H concentration. The resultant M-H system is then relaxed
within the NPT ensemble (i.e., T ¼ 300 K, sxx ¼ syy ¼ 0) for 1.5 ns.
Three M-H systems having 0%, 2% and 4% atomic H per M atom are
studied for each crystal orientation, and are referred to as pure M,
MH0.02 and MH0.04 systems, respectively. These H concentrations
are expected to be comparable to those prevailing in the experiments of Barnoush and Vehoff [40], estimated to be ~3% [45]. For
each H concentration, four different random H distributions are
generated. The second set of samples are Hydrogen-free systems
subjected to an in-plane equi-biaxial strain prior to indentation.
The initial simulation cell is ﬁrst relaxed within the NPT ensemble
(i.e., T ¼ 300 K, sxx ¼ syy ¼ 0) for 1.5 ns. The simulation cell is then
uniformly stretched/compressed along both X and Y directions to
lattice strains ε from 0.9% to 1.4%.
All systems are then further relaxed in the NVT ensemble [46,47]
(i.e., T ¼ 300 K) for 0.5 ns to reach an equilibrium state.
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Nanoindentation is then conducted by moving a virtual spherical
indenter with tip radius of 10 nm along the Z direction towards the
material at a constant velocity of 10 m/s [48] until the desired
indentation depth is reached. The indenter is modeled as a rigid
indenter using a strongly repulsive potential by Kelchner et al. [49].
During indentation, the linear momentum of the material along Z
direction is reset to zero at every timestep and the force on the
indenter and evolution of material microstructure is monitored.
The lattice defects generated during deformation are quantitatively
visualized using the common neighbor analysis (CNA) [50] and the
deformation index (DI) method by Wen et al. [51,52]. At ﬁnite
temperature, the nucleation process is thermally activated, and so
we conduct four simulations with different initial temperature
seeds for each conﬁguration to estimate the average nucleation
force for the given indentation rate and temperature.
For later reference, we also compute the elastic response of the
M-H materials here. The shear modulus mM(H)M associated with
(111) shearing [53] as a function of H concentration cH for Ni-H and
Pd-H systems are shown in Fig. 1. In both cases, mM(H)M decreases
approximately linearly with increasing H concentration. The
decrease is not large, however: at cH ¼ 4%, the modulus decreases
by ~4.5% for Ni and by ~8.5% for Pd.
The MD simulations are performed using the LAMMPS code [54].
eHoover thermostat [47,55] and
The system evolves using a Nose
velocity-Verlet algorithm [56] with integration time steps of 1 fs
(fs). The interatomic interactions in the Ni-H system are described
using an embedded-atom-method (EAM) potential [57,58] developed by Angelo et al. while the EAM potential developed by Zhou
et al. is adopted for the Pd-H system in this study [59].
3. Results
3.1. Indentation of Ni-H and Pd-H
The load on the indenter Fz versus the indentation depth d is
shown in Fig. 2 for the pure Ni, NiH0.02 and NiH0.04 systems, for both
crystal orientations. All Fz vs. d curves exhibit a range of load drops
associated with dislocation nucleation, annihilation and exit from
the free surface, for which the corresponding dislocation dynamics/
reactions are well documented [60e62]. In particular, the ﬁrst load
drop in Fz vs. d corresponds to the onset of plasticity, i.e., the ﬁrst
dislocation nucleation event (HDN). We denote the point of the
maximum force and displacement just prior to the ﬁrst load drop as
Fcz and dc, which are effectively the pop-in load and the threshold
indentation depth corresponding to the onset of plasticity in our
computational indentation experiments. The insets to Fig. 2 show
the response around Fcz and dc versus H concentration more clearly.
In the elastic loading phase, the Fz vs. d curves overlap, but the popin load, and thus the threshold indentation depth, decreases with
increasing H concentration. After the ﬁrst load drop, Fig. 2 shows
that the response at larger indentation depths is approximately
independent of H concentration; that is, no distinct trend can be
found in the magnitude or sequence of subsequent load drops.
These results suggests that H facilitates the onset of plasticity
(HDN), in agreement with the previous simulations by Wen et al.
[52], but does not cause any subsequent softening effect at higher
displacements as claimed by Wen et al. We return below to the
origin of the apparent H reduction of the pop-in load below.
The indentation responses for the pure Pd, PdH0.02 and PdH0.04
systems are shown in Fig. 3. Aside from an overall difference in
magnitude of the loads at which plastic ﬂow occurs, the general
characteristics of the indentation behaviors of Pd and Pd-H systems
are similar to the Ni and Ni-H systems. Therefore, the general effect
of H among the two materials is solely to reduce the pop-in load
with increasing H concentration.
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Fig. 1. Shear modulus mM(H)M associated with (111) shearing ([51]) versus atomic H concentration cH for (a) Ni-H and (b) Pd-H systems.

Fig. 2. The load on indenter (Fz) versus indentation depth (d) curves for the pure Ni (solid line), NiH0.02 (dash line) and NiH0.04 (dash dot line) systems with indentation direction (a)
Z ¼ [110] and (b) Z ¼ [111]. The inserted ﬁgures show the close-up views of the curves around the point where the ﬁrst load drop occurs.

Fig. 3. The load on indenter (Fz) versus indentation depth (d) curves for the pure Pd (solid line), PdH0.02 (dash line) and PdH0.04 (dash dot line) systems with indentation direction (a)
Z ¼ [110] and (b) Z ¼ [111]. The inserted ﬁgures show the close-up views of the curves around the point where the ﬁrst load drop occurs.
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The decrease in the pop-in load is also much larger than the
reduction in shear modulus mM(H)M (see Fig. 1). Dislocation nucleation is expected to scale with shear modulus, so that the observed
H inﬂuence on the pop-in load is not simply due to a change in
elastic response of the material.

3.2. Indentation of pre-strained Ni and Pd
One consequence of H charging is an induced swelling of the
lattice relative to the pure metal system. For H in octahedral sites of
the fcc lattice, the induced swelling is nearly hydrostatic, associated
with the misﬁt volume UH for H in the host lattice. For a stress-free
sample of initial volume V0 and lattice constant a0, the volume after
!
charging to atomic concentration cH is V0 1 þ 4caH3UH . The associ0

ated hydrostatic misﬁt strain tensor is diagonal with components
εH ¼ dV/V0, where dV is the volume change, so that
!1=3
εH ¼

1 þ 4caH3UH
0

 1.

For the Ni-H system, the simulation of a single H in a large Ni
lattice yields, for the current interatomic potential, UH ¼ 0:075a30
[58]. The predicted misﬁt strains are εH ¼ 0.20% and 0.39% for
cH ¼ 2% and 4%, respectively. The measured volume expansions in
the simulations cells studied here correspond to εH ¼ 0.18% and
0.37% for the NiH0.02 and NiH0.04. The volume expansion is
measured by comparing the relaxed simulation cell of the Hcharged system (along x and y directions), obtained after the NPT
relaxation (see Section 2 for details) to that of the H-free system.
Similarly, in Pd, the simulation of a single H in a large Pd lattice
yields, for the current interatomic potential, UH ¼ 0:085a30 . The
predicted values of εH are then 0.23% and 0.45% for PdH0.02 and
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PdH0.04, respectively, which again agree very well with the values
measured in the simulation cells used for indentation, which show
εH ¼ 0.21% and 0.49%, respectively. The good agreement in both Ni
and Pd shows that the volume expansion is well-understood within
basic theory, and that there are no unusual HeH interactions, at low
cH, that might induce additional distortions.
As a consequence of the H-induced swelling, the Ni and Pd
lattices are strained relative to the pure material, even in the
absence of any applied boundary stresses in the simulations. We
speculated that the lattice strains alone may change the pop-in load
because the pop-in load can be interpreted as a measure of the
point of absolute instability of the crystal lattice, which in turn is
sensitive to the precise lattice constants and to the non-linear
response of the crystal at large deformations [63]. To investigate
the effects of lattice strain on nanoindentation behavior, entirely
separated from any direct effects of H, we measured Fz vs. d for prestrained (in plane biaxial strain) Ni systems. The results are shown
in Fig. 4aeb for Ni and in Fig. 5aeb for Pd. In all cases, a tensile
lattice strain (dilation) reduces the pop-in load while a compressive
lattice strain increases the pop-in load. The effect of pre-strain on
the subsequent deformation/hardening behavior shows no systematic trends. Thus, the effect of lattice strains in the absence of H
is qualitatively identical to the affects found in H-charged materials.
Proceeding more quantitatively, Figs. 4ced and 5ced show the
measured pop-in load versus imposed lattice strain for Ni and Pd,
respectively. The pop-in load is linearly dependent on the initial
lattice strain over a wide range, deviating only at large compressive
strains for the (111) orientation. Moreover, Figs. 4ced and 5ced also
show the measured pop-in loads for the H-charged samples at the
lattice strains (expansions relative to the pure metal) induced by
the presence of H. The pop-in loads for the H-charged specimens
are nearly identical to those of the same samples without H but
expanded to the same lattice strain.

Fig. 4. The load on indenter (Fz) versus indentation depth (d) curves for three representative prestrained Ni systems with indentation direction (a) Z ¼ [110] and (b) Z ¼ [111], with
(c) and (d) showing the corresponding load at the ﬁrst load drop, Fcz versus lattice strain plot for the prestrained Ni systems (squares) together with the Fcz versus εH data for NiH0.02
(circle) and NiH0.04 (triangle), where the dashed line is a linear ﬁtting of the square data (in particular for the case with Z ¼ [111], only data with lattice strain > 0.35% are used in
the ﬁtting). Note that the values of Fcz shown in (c) and (d) are average values obtained from the multiple simulations performed for each lattice strain or H concentration (see
Section 2), with the associated error bar being the corresponding standard deviation.
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Fig. 5. The load on indenter (Fz) versus indentation depth (d) curves for three representative prestrained Pd systems with indentation direction (a) Z ¼ [110] and (b) Z ¼ [111], with
(c) and (d) showing the corresponding load at the ﬁrst load drop, Fcz versus lattice strain plot for the prestrained Pd systems (squares) together with the Fcz versus εH data for PdH0.02
(circle) and PdH0.04 (triangle), where the dashed line is a linear ﬁtting of the square data. Note that the values of Fcz shown in (c) and (d) are average values obtained from the
multiple simulations performed for each lattice strain or H concentration (see Section 2), with the associated error bar being the corresponding standard deviation.

The results in Figs. 4 and 5 show that the behavior of Ni and Pd
under indentation is determined by the lattice strain, and that the
role of H is simply to induce a stress-free lattice strain (relative to
the pure material). The presence of H has no further measurable
effects, and hence no direct effects on dislocation nucleation or
subsequent multiplication and hardening. That is, the effects of
(immobile) H are indirect, arising only due to dilation of the lattice.
We ﬁnd no evidence of any direct H-enhanced dislocation nucleation or mobility, as claimed by Wen et al. [52]. The present simulations show that (immobile) H in otherwise defect-free materials
does not have any direct inﬂuence on H-enhanced plasticity (e.g.
the HELP mechanism).
Previous work on nucleation of dislocations at a crack tip
showed that nucleation was suppressed with increasing H concentration due to the increase in unstable stacking fault energy that
controls nucleation [64]. Here, at a few percent H, the change in
unstable stacking fault energy is small [64]. Furthermore, for
indentation, the point of nucleation is not pre-determined and so
nucleation can avoid regions of locally higher H concentration
ﬂuctuations underneath the indenter. Thus, suppression of nucleation due to an increased unstable stacking fault energy is not an
important factor in the present indentation study.
4. Discussion
In-situ nanoindentation experiments on homogeneous dislocation nucleation (HDN) in Ni [35e37,40] show a substantial

reduction (e.g., ~51% reduction in the study by Barnoush and Vehoff
[40]) in the pop-in load following H charging. This is often interpreted as evidence for strong H-dislocation interactions that facilitate the onset of plastic deformation. Our simulations for defect
free metals having random H that does not migrate during the
duration of the simulation, show that the only effects of H can be
attributed to lattice dilation induced by the H. Our results are independent of host metal, for Ni and Pd, and independent of crystal
orientation, for [110] and [111] loadings. There is a small reduction
in pop-in load, but the magnitude is not at all comparable to experiments, and the H concentrations in the simulations and experiments are expected to be comparable [40,45]. The difference
between experiments and simulations indicates that the deformation behavior in experiments involves either rate-dependent
processes or processes that involve other defects, or both.
The primary rate-dependent process that could be anticipated is
H diffusion during the duration of the experiment. H diffusion in Ni
occurs with a migration barrier of ~0.4 eV; this is slow compared to
Fe, but yields a mean square diffusion distance at 300 K of ~350 nm.
Thus, it is feasible for H to diffuse in and around the region under
stress during nanoindentation. However, if the experiments truly
measure HDN in regions of initially dislocation-free material, then
there are no initial dislocations toward which H could migrate. At
ﬁnite temperature, there can be sub-critical dislocation loops that
arise as thermal ﬂuctuations, but being ﬂuctuations they do not
persist for long periods. Thus, H would have to diffuse sporadically,
in response to only the pressure ﬁeld generated by the ﬂuctuating
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loops that appear and disappear. Counteracting the possible
attraction to such ﬂuctuation loops, however, is the driving force for
H diffusion away from regions of high compressive stress. With a
positive misﬁt volume UH, the increase in chemical potential,
relative to bulk H, due to a local compressive pressure of p ¼ 2 GPa
(the estimated pressure underneath the indenter at the
experimentally-measured pop-in load) is dm ¼ pUH ¼ 0.041 eV,
which drives H away from the region where dislocation nucleation
is expected. Experiments further show that when a sample is
loaded ﬁrst and then subsequently charged with H, the pop-in load
is again reduced relative to the H-free samples. With an increased
chemical potential underneath the loaded indenter, the diffusion of
H into this region is delayed and the equilibrium concentration is
reduced. Therefore, it is difﬁcult to envision that HDN is caused only
by mobile H in the bulk lattice.
As mentioned in the Introduction, the presence of defects can
reduce the pop-in load. If the pop-in load is reduced only in the
presence of H, then presumably H must stabilize some defects that
would not exist in the absence of H. It is well-established that H can
bind to vacancies, so that vacancy clusters are stabilized in the
presence of H. It is thus possible, in principle, that the presence of H
could allow for the formation of stable VnHm complexes that would
not exist in the H-free material, and that such complexes could
serve as nucleation sites for HDN. Preliminary simulations show
that vacancy clusters (with or without H) artiﬁcially placed underneath the indenter can indeed reduce the pop-in load to ~ 2/3
the value in the pure Ni. However, the actual probability of ﬁnding
such clusters under thermodynamic equilibrium conditions remains quite small. Taking the Ni system as an example, for the
interatomic potential here the formation energy of a VH6 cluster is
0.51 eV (as compared to 1.59 eV for an isolated V), so that the zeropressure equilibrium concentration of VH6 at T ¼ 300 K is estimated
to be only ~2  109. Thus, one would expect to ﬁnd one such
cluster in every volume of ~ (175 nm)3 in Ni, which is much larger
than the volume probed underneath the nanoindenter. Furthermore, although the misﬁt volume for a V is negative, the misﬁt
volume for a VH6 complex is large and positive. Underneath the
high pressure of the indenter, the formation enthalpy of the VH6
complex is thus much higher than at zero pressure, making such
complexes thermodynamically even less likely underneath the
indenter. Such complexes would have to form prior to the imposition of the indentation load and then, for kinetic reasons, remain
stable against dissociation during loading. Since experiments show
reduced pop-in when the load is imposed prior to charging, this
latter scenario does not seem feasible as an explanation of the
observed effects.
The above discussion is meant to highlight the fact that the role
of H, its presence underneath the indenter, and its role in possibly
stabilizing other defects, involves a complicated consideration of
kinetic and thermodynamic effects. Any proposed mechanism to
explain the experimentally-observed reduction in pop-in load upon
H charging cannot simply rely on postulated defects or conﬁgurations, but must also consider the thermodynamic and kinetic effects that determine the likelihood/probability of occurrence of
such postulated defects. This challenge has yet to be undertaken in
this ﬁeld but appears essential for viable physical explanation of the
observed phenomena.
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